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Abstract: Achieving an optimal strength-ductility synergy efficiently is a critical objective for advanced
structural materials. This study developed a novel grain structure in a NiCo-based superalloy, consisting of
residual deformed grains, fine recrystallized grains, and multi-scale L12-y’ precipitates, using a short-term
annealing and aging treatment. Compared to the conventional heat-treated condition (yield strength: 1,106
MPa; elongation: 18.8%), the alloy with a partially recrystallized microstructure exhibited a significantly
higher yield strength of 1,371 MPa, while maintaining a ductility of 13.3%. This high strength is attributed
to synergistic effects from dislocation strengthening (induced by prior cold rolling), fine grain strengthening,
and precipitation reinforcement by y’ phases. In contrast, the fully recrystallized variant demonstrated a yield
strength of 1,390 MPa with an elongation of 14.3%, primarily due to a uniform fine-grained structure and
homogeneous vy’ precipitation. The underlying deformation mechanisms were thoroughly investigated, re-
vealing that dislocation activity, nano-twins, and L-C locks, in addition to the precipitates, are critical for the
outstanding mechanical properties. This work provides a practical and cost-effective processing strategy for
developing high-performance NiCo-based superalloys for demanding engineering applications.
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chemical engineering, and nuclear industries !, Achieving

1 Introduction high strength and ductility has remained a critical objective in

Nickel-based superalloys are a prominent class of alloys rec-
ognized for their exceptional tensile strength, corrosion re-
sistance, fatigue resistance, creep strength, and superior work-
ability. These properties are predominantly influenced by the
thermomechanical processing employed, rendering them
highly applicable in fields such as aerospace, petrochemicals,
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current research 5!, However, most superalloys typically en-
counter the strength-ductility trade-off dilemma . Typically,
strengthening strategies such as solid solution hardening 7%,
grain refinement hardening !°! and precipitation hardening
(1112 are employed to improve the mechanical properties of sup-
eralloys. Various internal defects, including solute atoms, grain
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boundaries, and precipitates, can impede dislocation motion,
thereby contributing to enhanced strength %14, Nevertheless,
due to strain localization '>!6] these strengthening strategies
often significantly compromise the ductility of superalloys,
thereby increasing safety risks. Given the limitations of the
aforementioned methods, superalloys necessitate an alternative
strengthening strategy. In recent years, the concept of 'material
planarization' has been introduced, presenting a novel strategy
for improving the mechanical properties of metals and their al-
loys [':181, This strategy coordinates various properties of alloys
by controlling stable microstructures at different length scales,
with minimal or no alterations to the material composition %],

Researchers demonstrate that gradient structures and grain
refinement are key strategies to enhance the strength-ductility
balance in metals [?*2!, Thermomechanical processing effec-
tively tailors microstructures and mechanical properties 2223,
For instance, Polkowska et al. [% cold-rolled and heat-treated
Haynes® 282® alloy (low SFE) at 10-70% deformation, ob-
serving increased yield strength but reduced elongation. Gu et
al. Y used torsional deformation and aging to create gradient
structures, improving ductility over cold drawing but weaken-
ing strength. Zeng et al. > combined cryogenic rolling (reduc-
ing SFE to form nanoscale twins) with recrystallization anneal-
ing, achieving grain refinement and enhanced ductility at the
expense of strength. This highlights the limitations of relying
solely on grain refinement. To address this, Wang et al. 2% in-
corporated y' precipitates into fine-grained structures, boosting
strength without sacrificing ductility. Similarly, Chen et al. 27
applied short-term heat treatment and aging to cold-drawn
GH159 superalloy, where heterogeneous deformation and
multi-scale L1,-y’ precipitates induced HDI strengthening, en-
abling exceptional strength-ductility synergy. Furthermore, se-
vere plastic deformation methods, including equal-channel an-
gular pressing (ECAP), high-pressure torsion (HPT), and accu-
mulative roll bonding (ARB), are also incorporated into ther-
momechanical processes, enabling further ultimate control over
the microstructure of alloys. These studies emphasize that com-
bining multiple approaches—such as gradient structures, re-
fined grains, and precipitates—overcomes the trade-off be-
tween strength and ductility. Thermomechanical methods and
microstructural engineering collectively enable tailored proper-
ties, demonstrating the importance of hybrid strategies in ad-
vanced alloy design. Zhang et al. ! proposed that NiCoCr al-
loys have a low stacking fault energy ( SFE ) and a high ten-
dency to form nanotwins. These characteristics hinder disloca-
tion motion and adapt to plastic deformation to achieve high
strength and ductility. Therefore, a new type of nickel-cobalt-
based superalloy was designed based on low SFE, which is
prone to twinning due to cross-slip inhibition during plastic de-
formation . The increase of Co content in the superalloy re-
duces the initial y' dissolution temperature and increases the
heat treatment temperature range.

Building on this foundation, this study employs a novel

NiCo-based superalloy as a model system to systematically in-
vestigate the evolution of grain size and y' precipitates under
combined cold rolling and annealing processes. A quantitative
assessment of the contributions from distinct strengthening
mechanisms is conducted, coupled with an in-depth analysis of
the microstructural evolution during alloy deformation. The
study aims to elucidate the synergistic strengthening and plas-
ticizing mechanisms arising from ultrafine-grained structures
and multi-scale y' precipitates, thereby establishing theoretical
frameworks and technical guidelines for designing high-perfor-
mance Ni-based superalloys. The research prioritizes the pre-
cise control of thermomechanical processing to achieve na-
noscale L1.-structured y' precipitates with high density and uni-
form dispersion, while retaining a micrometer-scale gradient
grain architecture. This approach overcomes the performance
limitations of conventional superalloys, enabling concurrent
improvements in strength and ductility. These advancements
offer robust material solutions for critical applications such as
aerospace, driving technological progress in high-temperature
structural materials.

2 Materials and methods

2.1 Specimen preparation

The chemical composition of the novel nickel-based super-
alloy was presented in Table 1. The superalloy ingot was pre-
pared using a triple-melting process, which included vacuum
induction melting (VIM), protective atmosphere electroslag re-
melting (ESR), and vacuum arc remelting (VAR). Following
high-temperature homogenization treatment, the alloy ingot
was forged into a rod with dimensions of 150 x 360 mm. Axial
specimens were extracted from the 1/2 R position of the forged
alloy rod. The forged samples underwent standard heat treat-
ment. Solution treatment was performed at 1,080 °C for 2 hours,
followed by air cooling to room temperature. Subsequently, a
two-stage aging treatment (650 °C/24h/AC and 760 °C/16h/AC)
was carried out to obtain the standard heat-treated alloy sample
(ST).

According to Figure S1, the solid solution temperature of the
selected area in this paper is 1080 °C, which is the sub-solid
solution temperature. After the solid solution treatment, the pri-
mary Y’ is retained, and the secondary and tertiary y' are com-
pletely dissolved. It is mainly to construct a multi-size gradient
v’ phase and inhibit the growth of recrystallized grains in the
later stage. The reasons for choosing 650 °C and 760 °C as the
aging temperature are as follows: in the first stage, the lower
aging temperature of 650 °C can promote the formation of a
large number of small and dispersed y’ phases. In the second
stage, the high temperature aging at 760 °C is mainly aimed at
spheroidizing y' precipitates and coarsening to the appropriate
size, so as to achieve a good balance between strength and plas-
ticity. Due to the uniform precipitation of the secondary vy’ phase
in the previous step, there are few y’ phase forming elements
left in the matrix, which makes the tertiary y’ phase only



precipitate around the secondary y’ phase, and the volume frac-
tion of the L1, precipitation phase at the current temperature
tends to be stable.

Table 1 Chemical composition of Ni-Co based superalloy (wt %)

Co Cr w Al Ti Nb C Ni

20 165 50 25 25 25 0.02 Bal

2.2 Thermomechanical Processing

Thermomechanical processing (TMP) was conducted on the
forged samples between solution treatment and aging. The solu-
tion-treated samples were cold-rolled at room temperature using
a twin-roll cold rolling mill to achieve a deformation of 70%
(without surface cracks). Subsequently, the samples were an-
nealed at 1025 °C, 1050 °C, and 1075 °C for varying durations,
followed by a two-stage aging treatment at 650 °C/24 h/AC and
760 °C/16 h/AC. During thermomechanical processing, anneal-
ing and recrystallization were employed to control the grain size,
morphology, and distribution of precipitates in the novel nickel-
based superalloy. Additionally, the substructures were introduced
into the unrecrystallized regions to mitigate dislocation pile-up at
grain boundaries. The specific parameters and designations were
provided in Table 2.
Table 2 Different heat treatment schedules and names of samples

Treatment method Samples
Solution treatment—+two-stage aging treatment ST
Solution treatment+-cold rolling + annealing at 1,025-15
1,298 K for 15min—+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,025-30
1,298 K for 30min+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,025-60
1,298 K for 60min+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,050-15
1,325 K for 15min+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,050-30
1,325 K for 30min+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,050-60
1,325 K for 60min+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,075-15
1,348 K for 15min—+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,075-30
1,348 K for 30min—+two-stage aging treatment
Solution treatment+-cold rolling + annealing at 1,075-60

1,348 K for 60min+two-stage aging treatment

2.3 Mechanical testing

Uniaxial tensile tests were performed at room temperature us-
ing a universal testing machine (Instron 5969) with a constant
loading rate of 3x10* s!'. Dog-bone-shaped tensile specimens
were machined from samples in various states, with a gauge sec-
tion measuring 10 mm in length and 3.0 mm in width. The tensile
direction was oriented along the rolling direction. To ensured

repeatability and accuracy, three tensile tests were performed for
each processing condition.
2.4 Microstructure characterization

The microstructure of the samples was characterized using X-
ray diffraction (XRD), electron backscatter diffraction (EBSD),
scanning electron microscopy (SEM), transmission electron mi-
croscopy (TEM), and selected area electron diffraction (SAED).
XRD characterization of the samples in various states was per-
formed using the Philips APD-10D diffractometer, with Cu-Ka
radiation as the source and a scanning angle range of 20° to 120°.
Additionally, the Phenom XL scanning electron microscope
(SEM) was utilized to characterize the microstructure of electro-
chemically polished samples. For grain structure observation, the
samples were electrolytically polished using a reagent composed
of 20% H>SO. + 80% CHsOH. Electrolytic polishing was per-
formed using a dedicated power supply, with a voltage of 15-25
V, at room temperature, and a polishing time of 5-8 s. For precip-
itate observation, the samples were subjected to electrolytic etch-
ing after polishing, using a reagent composed of 15 g Cr20s, 10
ml H2SOs, and 150 ml HsPO.. Electrolytic etching was conducted
at a voltage of 4.5 V, at room temperature, for 4-8 s. Prior to
EBSD analysis, the samples were electrolytically polished using
the same reagent (20% H2SO. + 80% CHs;OH) with a voltage of
15-25V, at room temperature, and a polishing time of 5-8 s. The
texture structure of the samples was analyzed using an EBSD
system equipped with a JSM-IT700HR field-emission scanning
electron microscope, with a step size of 0.25 pm and an acceler-
ating voltage of 20 kV. The post-tensile samples were character-
ized using a spherical aberration-corrected 200 kV JEM-
ARM300F2 transmission electron microscope (TEM). The sam-
ples were first mechanically ground to a thickness of less than 50
pum, then punched into 3-mm diameter discs. Finally, the discs
were thinned to electron transparency using a twin-jet elec-
tropolisher with the same solvent used for electrochemical pol-
ishing, at a DC voltage of 20 V and a temperature of approxi-
mately -10 °C. The size and distribution of precipitates were sta-
tistically analyzed using Image J.

3 Results

3.1 Microstructure evolution

Fig.1(a-c) presents SEM images of the samples in different
processing states. As illustrated in Fig. 1(a), the as-forged micro-
structure of the NiCo-based superalloy consists of a mixed grain
structure, comprising equiaxed grains with a size of approxi-
mately 74 pm and fine grains with a size smaller than 2-4 pm.
The fine grains are uniformly distributed surrounding the equi-
axed grains. Fig.1(b) shows the microstructure after solution
treatment of as-forged NiCo-based superalloy at 1,080 °C, in
which the mixed grain structure recrystallized completely, result-
ing in a uniformly distributed equiaxed grain structure with a con-
sistent grain size. Fig.1(c) illustrates the microstructure after
standard heat treatment. It is that an abundance of equiaxed
grains is found. Fig.1(d) presents a high-magnification image of



the y' precipitate distribution under the standard heat-treated state,
revealing uniformly distributed spherical y' precipitates. Meas-
urements using Image Pro Plus indicate that the average size of
the y' precipitates is 25.7 + 2.0 nm, with a volume fraction 0f 40.3
+ 1.1%. These y' phases hinder dislocation movement, thereby
enhancing the strength of the Nickel-based superalloy B%.It can
be concluded that after solution treatment and two-stage aging,
the as-forged NiCo-based superalloy achieves an initial alloy
with uniformly distributed grains and consistent-sized precipi-
tates. The mechanical properties of this initial alloy exhibit
greater stability, serving as a benchmark for comparison and
providing a reliable material foundation for subsequent thermo-
mechanical processing.

G 800 nm

Fig.1 Microstructures of the alloy in different states: (a) As-forged al-
loy; (b) Solution-treated alloy; (c) Alloy after standard heat
treatment; (d) Microstructure of y’ phase

3.2 Microstructural evolution during thermomechanical

processing

The XRD patterns of the samples in various states after ther-
momechanical processing are presented in Fig. 2. From the XRD
patterns, it is evident that the alloys treated at different annealing
temperatures and times exhibit a distinct FCC structure, with
prominent diffraction peaks at approximately 51.3°, 59.9°, and
89.9° in 20, corresponding to the (111), (200), and (220) planes,
respectively. A distinct double peak is seen at 89.9°, which can
be deconvoluted to separate the y' precipitate phase from the y
matrix. Furthermore, as the annealing time increases and the tem-
perature rises, the peak intensity of the y' precipitates gradually
decreases. This may be attributed to variations in the content and
size of the precipitates under different thermomechanical pro-
cessing conditions.

Fig.3 presents SEM images of nine samples subjected to dif-
ferent thermomechanical processing conditions. Fig.3 (a-c) dis-
play the microstructures of samples annealed at 1,025 °C, all of
which exhibit an incompletely recrystallized structure consisting
of recrystallized and deformed regions. Prolonged annealing
drives the progressive transformation of deformed grains into
fine recrystallized grains, accompanied by the presence of coarse
primary y' precipitates distributed both within grain interiors and
along grain boundaries. Fig. 3(d-f) illustrate the microstructures
of samples annealed at 1,050 °C, exhibiting a fully recrystallized
structure with randomly oriented equiaxed grains. With

prolonged annealing durations, coarse y’ precipitates become pre-
dominantly localized at grain boundaries. The Zener pinning ef-
fect exerted by these precipitates results in moderate grain coars-
ening, with average grain size increasing from 3.8 pum after 15
minutes to 4.6 um following 60 minutes of annealing. Fig. 3(g-1)
present the microstructures of samples annealed at 1,075 °C, ex-
hibiting a clearly recrystallized structure with significantly coars-
ened grains and a large number of annealing twins. As the anneal-
ing time increases, the grain size increases from 8.6 pum at 15 min
to 12.0 um at 60 min. Previous studies have shown that the grain
structure changes with annealing temperature, indicating that the
grain size increases progressively as the annealing temperature
rises [*!. When the temperature exceeds the solvus temperature
of the y' precipitates, the pinning force of the particles is elimi-

nated, resulting in abnormal grain growth behavior [1332],
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Fig.2 XRD patterns of different states after thermomechanical treat-

ment
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Fig.3 SEM images of the grain morphology in samples subjected to
different thermomechanical treatments: (a-c) 1,025-(15,30,60);
(d-f) 1,050-(15,30,60); (g-i) 1,075-(15,30,60)

Fig.4 presents SEM images of the y' precipitates in nine sam-
ples subjected to different thermomechanical processing condi-
tions. Fig.4(a-c) correspond to the 1025-(15, 30, 60) samples. In
the samples annealed at 1,025 °C, primary, secondary, and ter-
tiary ' precipitates are found. The irregularly shaped large parti-
cles are primary precipitates, while the secondary precipitates—
mostly spherical, rod-like, or butterfly-shaped—are primarily
distributed in the recrystallized regions, driven by the internal



stress from the deformed structurel®). Uniformly distributed
spherical tertiary precipitates are located between the primary
and secondary precipitates. Fig.4(d-f) correspond to the 1,050-
(15, 30, 60) samples. In the samples annealed at 1,050 °C, pri-
mary, secondary, and tertiary y' precipitates are present. The ir-
regularly shaped large particles are primary precipitates, while
the spherical or near-spherical secondary precipitates are uni-
formly distributed within the matrix. Uniformly distributed

15 min

spherical tertiary precipitates are located between the primary
and secondary precipitates. Fig.4(g-i1) correspond to the 1,075-
(15, 30, 60) samples. In the samples annealed at 1,075 °C, pri-
mary and tertiary y' precipitates are present. The irregularly
shaped large particles are primary precipitates, while the spheri-
cal tertiary precipitates are uniformly distributed within the ma-
trix.

30 min

Do ST01

D6 0501

Do SLOT

Fig.4 SEM images of the y’ phase in samples under different thermomechanical treatments: (a-c) 1,025-(15,30,60); (d-f) 1,050-(15,30,60); (g-i)

1,075-(15,30,60)

For the partially recrystallized samples (1,025-(15, 30, 60)), as
the annealing time increases, the primary y' particles become
more regular, and the sharp corners begin to dissolve (Fig.4(c-d)).
For the fully recrystallized samples (1,050-(15, 30, 60)), the
sharp corners completely dissolve, and the morphology of the
secondary y' precipitates gradually transforms from irregular
spheres to spherical shapes (Fig.4(e-f)). The morphology of the
tertiary ' particles does not change significantly with annealing
temperature and remains spherical. Additionally, as the annealing
temperature increases, the average size of the secondary y’ parti-
cles continues to increase, while their number decreases. Both the
average size and number of the tertiary y’ particles gradually in-
crease. This indicates that as the degree of recrystallization in-
creases, the precipitation of tertiary y' particles tends to become
finer and more uniform, while the nucleation sites for secondary
v' particles decrease. This is because, as recrystallization pro-
gresses, the stress concentration induced by the rolling process is
gradually released, reducing the driving force for elemental dif-
fusion and the number of nucleation sites, thus blocking the path-
ways for rapid growth of large y' particles. Simultaneously, to
maintain the system's low surface energy, the y' particles tend to

precipitate in a spherical shape and grow uniformly with minimal
surface energy®®*.

Table 3 presents the volume fractions of primary, secondary,
and tertiary y' precipitates in samples under various conditions.
It is found that as the annealing temperature increases and the
annealing time extends, the volume fraction of secondary v’
precipitates gradually decreases and completely dissolves at
1075 °C, while the volume fraction of tertiary y' precipitates
increases. The volume fraction of primary y' precipitates re-
mains relatively constant. For all samples under various condi-
tions, the total volume fraction of precipitates ranges between
38% and 40%. Table 4 provides the statistical data on the sizes
of primary, secondary, and tertiary y’ precipitates in samples un-
der various conditions. It is concluded that the annealing tem-
perature and time have little effect on the sizes of primary and
tertiary y' precipitates. However, as the annealing temperature
increases and the annealing time extends, the size of secondary
y' precipitates increases. An optimal precipitate density effec-
tively impedes dislocation motion, thereby enhancing strength
and hardness. However, excessive precipitates induce stress
concentration at interfaces, leading to reduced fracture



toughness. Notably, nanoscale precipitates generate intensified
stress fields due to their high interfacial strain energy, which

impose stronger barriers to dislocation glide and further am-
plify the strengthening effect.

Table 3 Volume fractions of primary, secondary, and tertiary y’ precipitate phases in samples under different conditions

1,025-15  1,025-30  1,025-60  1,050-15 1,050-30  1,050-60  1,075-15 1,075-30  1,075-60
Primary y' (%) 47402 48402  4.5%0.3 47405 5.0+0.1 44404 39402 44402 44403
Secondary y' (%) 25.0£24  20.3+3.2 16.243.4 13.244.2 7.242.1 8.1£2.8 0 0 0
Tertiary y' (%) 13.0+1.4 143+£2.4 19.143.2  20.742.7 293439 255434  36.1£25  36.243.8  36.143.1
Table 4 Sizes of primary, secondary, and tertiary y' precipitate phases in samples under different conditions
Diameter 1,025-15 1,025-30 1,025-60 1,050-15 1,050-30 1,050-60  1,075-15 1,075-30 1,075-60
Primary y' (um) 2.1+0.4 2.1£0.3 2.240.3 2.240.4 2.940.3 2.4+0.4 2.540.5 2.6£04  2.7+£0.5
Secondary y' (nm)  48.349.2  52.3+10.8  77.5+15.1  72.6+15.7  69.5+15.4 = 79.2+15.8 0 0 0
Tertiary y' (nm) 9.7£2.1 9.6£2.2 9.7+1.8 9.5£2.3 10.242.0 10.1+1.6 9.7£2.0  9.541.2 10.0£2.1

Fig. 5 presents the EBSD images of the ST sample, as well
as the 1,025-15, 1,050-15, and 1,075-15 samples. Fig. 5(a;-a4)
display the inverse pole figure (IPF) maps for the samples under
different conditions. The grains in the ST sample are randomly
oriented equiaxed grains, with annealing twins detected in some
of them. The 1,025-15 sample shows an incompletely recrystal-
lized structure, with a noticeable strain gradient in the medium-

axis grains. Both the 1,050-15 and 1,075-15 samples are fully
recrystallized, featuring randomly oriented equiaxed grains. It
is evident that the degree of recrystallization is highly depend-
ent on the annealing temperature, with complete recrystalliza-

tion occurring when the annealing temperature exceeds
1,050 °C.

Fig.5 EBSD analysis of ST specimens and specimens 1,025-15. 1,050-15. 1,075-15: (a1-a4) IPF maps; (bi-bs) KAM maps; (ci-c4) Recrystallization

distribution maps

Fig. 5(bi-bs) show the kernel average misorientation (KAM)
maps for the samples under different conditions. The KAM dis-
tribution characterizes local misorientation, helping to deter-
mine the geometrically necessary dislocation density in differ-
ent grains [**1. The ST sample exhibits no stress concentration
at the grain boundaries. In contrast, significant stress concen-
tration is detected at the grain boundaries and within the grains

of the 1,025-15 sample, while the 1,050-15 and 1,075-15 sam-
ples show no noticeable stress concentration. Figs. 5(ci-c4) pre-
sent the recrystallization maps for the samples under different
conditions. The grains in the ST sample are primarily recrystal-
lized, with a small fraction of subgrains. About 27% of the de-
formed grains are found in the medium-axis grains of the 1,025-
15 sample. In the 1,050-15 and 1,075-15 samples, all grains are



fully recrystallized. The EBSD analysis confirms that during
thermomechanical processing, the 1,050-15 sample is at the
critical point of complete recrystallization, consisting entirely
of fully recrystallized structures, with no significant stress con-
centration or deformed grains.

Fig.6 illustrates the grain boundary types and misorientation
distribution maps for the ST sample, along with the 1,025-15,
1,050-15, and 1,075-15 samples. Based on the misorientation
angle, the grain boundaries are classified into subgrain bound-
aries (0<2°), low-angle grain boundaries (2°<6<15°), high-an-
gle grain boundaries (6>15°), and annealing twin boundaries
(6=60°; £3). The proportions of each type of grain boundary in
the samples under different conditions are provided in Table 5.
As the annealing temperature increases, the proportion of sub-
grain boundaries decreases significantly; the proportion of low-
angle grain boundaries decreases gradually; the proportion of
high-angle grain boundaries increases sharply; and the propor-
tion of annealing twin boundaries increases progressively. It is
evident that the grain boundary characteristics and misorienta-
tion distribution of the NCo-based superalloy are influenced by
the annealing treatment. The standard heat-treated alloy pre-
dominantly consists of high-angle grain boundaries, with nearly
50% consisting of annealing twin boundaries. Furthermore, as
the degree of recrystallization increases, the strain at the grain
boundaries decreases progressively, and the length of subgrain
boundaries and low-angle grain boundaries reduces gradually.
Due to the influence of temperature, the length of annealing
twin boundaries increases gradually, resulting in an increase in
the proportion of annealing twin boundaries.
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Fig.6 Grain boundary orientation difference maps of samples in differ-
ent states: (a)ST; (b)1,025-15; (c)1,050-15; (d)1,075-15
Table 5 Proportion of various grain boundaries in samples in dif-

ferent states

Sub-
LAGBs HAGBs Annealing
Samples  structures
1% 1% TBs/%
1%
ST 7.1 2.6 90.3 48.8
1,025-15 26.2 13.3 60.5 11.3

1,050-15 4.9 4.7 90.4 28.5
1,075-15 6.2 4.5 89.3 37.5
3.3 Mechanical properties
Fig.7(a) illustrates the typical tensile engineering stress-

strain curves for the samples under different conditions, Fig.
7(b) shows the bar charts of the tensile properties of each spec-
imen at 25 °C. In this study, after thermomechanical processing,
the Ni-based superalloy samples annealed at 1,025 °C and
1,050 °C exhibited an increase in both yield strength and ulti-
mate tensile strength, accompanied by a gradual decrease in
elongation. In contrast, the samples annealed at 1,075 °C exhib-
ited a decrease in both yield strength and ultimate tensile
strength, with elongation also progressively decreasing as the
annealing time increased. The yield strength of the standard
heat-treated alloy at 25 °C is 1,106 MPa. After thermomechan-
ical processing, the 1,025-15 sample achieved a yield strength
of 1,371 MPa at 25 °C, representing an increase of approxi-
mately 26.2% compared to the standard heat-treated alloy. As
the annealing temperature increased, the 1,050-15 sample
reached a yield strength of 1,390 MPa at 25 °C, an improvement
of approximately 24% over the standard heat-treated alloy.
However, the 1,075-15 sample exhibited a yield strength of 954
MPa at 25 °C, reflecting a decrease of approximately 14% com-
pared to the standard heat-treated alloy. Correspondingly, the
elongation of the 1,025-15 and 1,050-15 samples decreased
from 18.8% to 13.3% and 14.3%, respectively, while the elon-
gation of the 1,075-15 sample increased to 22.9%.

Fig. 7(c) illustrates the Vickers hardness of the Ni-based sup-
eralloy under different conditions. The hardness of the ST sam-
ple is 494 HV. After thermomechanical processing, the hard-
ness of the samples increases significantly. The hardness of the
1,025-15 sample reaches 555 HV, while that of the 1,050-15
sample increases to 547 HV. In the 1,075-(15,30,60) samples,
as recrystallization is nearly complete and the stored dislocation
density in the alloy is relatively low, the hardness values exhibit
minimal variation and remain relatively low. As the annealing
temperature increases and the annealing time extends, disloca-
tions are eliminated more slowly below the recrystallization
temperature, resulting in partial dislocation entanglement and
pile-up in the alloy. During the subsequent aging process, the
lower temperature cannot effectively eliminate the work hard-
ening caused by the high dislocation density, leading to a nota-
ble increase in sample hardness. Above the recrystallization
temperature, the hardness of the alloy stabilizes, approaching
that of the standard heat-treated alloy

4 Discussions

4.1 Strengthening mechanisms

For the novel Ni-based superalloy studied in this experiment,
the contribution to yield strength arises from lattice intrinsic
strength (0;), solid solution strengthening (o), grain boundary
strengthening (o), precipitation strengthening (g, ), and dislo-



cation strengthening (o,). The specific relationship can be ex-
pressed as:

0y, =0yt 05 +t0,+0,+0g @)
The following discussion primarily focuses on the contribu-
tions of grain boundary strengthening (a), precipitation
strengthening (o,), and dislocation strengthening (g,) to the

(b)l,SOO

mechanical properties of the alloy at room temperature.
4.1.1 Grain boundary strengthening

The introduction of grains with varying sizes via cold rolling
and subsequent annealing treatments results in a significant
strengthening of these samples. The Hall-Petch relationship de-
fines the influence of grain boundary strengthening®%371:
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Fig. 7 Mechanical behaviors of the new nickel-based superalloy under different processes: (a) Engineering stress-strain curves; (b) Column chart of

mechanical properties; (c) Vickers hardness

where £y is the Hall-Petch coefficient, approximately 750 MPa
um'”? for pure nickel and various superalloys!'®], and the aver-
age grain size (do) are key parameters in this analysis. For the
1,025-(15, 30, 60) specimens, which were in a partially recrys-
tallized state, the grain boundary strengthening contribution

was calculated using the modified strength formula o, =

kydo"(—1/2)frx, Where frx represents the volume fraction of

recrystallized regions determined by EBSD analysis. The cal-
culated yield strength increments from grain boundary strength-
ening were approximately 278 MPa, 298 MPa, and 341 MPa
for these specimens. For the 1,050-(15, 30, 60) and 1,075-(15,
30, 60) specimen series, the corresponding increments were ap-
proximately 255 MPa, 231 MPa, 216 MPa, 198 MPa, 186 MPa,
and 167 MPa, respectively. Notably, the grain boundary
strengthening contributions were significantly higher for the
1,025-(15, 30, 60) and 1,050-(15, 30, 60) specimens compared
to the 1,075-(15, 30, 60) series. This observation suggests that
increasing annealing temperature and duration leads to grain
coarsening, consequently reducing the strengthening effect
from grain boundaries. Compared to alloys with similar com-
positions, the present processing technique demonstrates re-
markable grain refinement strengthening effects 281,
4.1.2 Precipitation strengthening

Considering the characteristics of the precipitates, the inter-
action between precipitates and dislocations can occur via two
mechanisms: cutting or bypassing (Orowan looping). The pri-
mary v’ particles, which are larger, primarily interact with dis-
locations via the bypassing mechanism, while the secondary
and tertiary y' precipitates, being smaller, predominantly inter-
act via the cutting mechanism. This critical size is usually about
100 nm B,

When dislocations bypass precipitates via Orowan looping,
the critical stress a,,, can be described by the classical equa-
tion [40411;

27
oy 046D In (Tm)

mwWl—-v 4

where M=3 is the Taylor factor, G=81.4 GPa is the shear mod-
ulus, v=0.31 is Poisson's ratio (as referenced in prior studies [“?1),
and b is the Burgers vector. For FCC structures, b:\/2_/2 X
aTizale = 0.253 nm. f:\/2_/3-r is the average particle ra-
dius on the slip plane, where 7 represents the average

A0, =

(3)

particle radius. L, = 27 ( \/% = 1) is the average interparticle

distance, where fis the volume fraction of the precipitate phase.
Taking the 1050-15 specimen as an example, the primary y’ pre-
cipitates reached micrometer-scale dimensions, leading to pre-
dominant dislocation interaction through the bypassing mecha-
nism. As shown in Table 3 and Table 4, the average precipitate
radius on the slip plane was measured as 1.8 pm with an aver-
age interparticle spacing of 9.4 pm. The 4o, for the 1050-15
specimen was determined to be 9.6 MPa, which can be at-
tributed to the large size and low volume fraction of the primary
y' precipitates. Consequently, the bypassing mechanism does
not play a dominant role in precipitation strengthening for this
specimen.

When dislocations shear through precipitates, the primary
strengthening contributions arise from coherency strengthening
(Accs), modulus strengthening (Acws), and order strengthening
(Ac,s) mechanisms 3], Notably, coherency strengthening and
modulus strengthening become effective before dislocation cut-
ting occurs, while order strengthening operates during the
shearing process. The overall precipitation strengthening



contribution is determined by comparing the sum of coherency
and modulus strengthening (Accs + Acms) With order strength-
ening, with the larger value representing the dominant mecha-

nism.
1
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here, a,=2.6 is a constant, &,=0.002 represents the con-
strained lattice misfit strain, and » and f'denote the average ra-
dius and volume fraction of the precipitates, respectively. Ad-
ditionally, AG=81.4-77.4 =4 GPa (where GLi» = 77.4 GPa,
taken from Nis(Al, Ti)*1), m=0.85 is a constant, and y,pgp=
21.8 mJ/m? is the antiphase boundary energy (APBE) of the
precipitates. Taking the 1050-15 specimen as an example, we
systematically analyzed the strengthening contributions from y’
precipitates with different size distributions. For the tertiary v’
precipitates (volume fraction: 20.70%, average size: 9.5 nm),
the calculated strengthening contributions were approximately
223 MPa from coherency strengthening (Acs), 25 MPa from
modulus strengthening (Aocms), and 52 MPa from order
strengthening (Ac,s). Previous studies on y + vy’ high-entropy
alloys have demonstrated that order strengthening becomes
dominant when y' precipitate sizes are below 25-35 nmM2,
However, in the present study, the relatively low antiphase
boundary energy of the precipitates resulted in diminished or-
der strengthening effects. By comparing (Aces + Acms) with Aces,
the total precipitation strengthening (Ac,) from tertiary y' was
determined to be 249 MPa. For the secondary y’ precipitates
(volume fraction: 13.20%, average size: 72.57 nm), the corre-
sponding strengthening contributions were 494 MPa (Acs), 1
MPa (Acms), and 41 MPa (Ac,s). The comparison between (Aces
+ Acms) and Ao, yielded a total Ac, of 495 MPa for the second-
ary y' precipitates.

According to the literature™®, the tensile properties of mate-
rials are strongly influenced by their microstructures, particu-
larly the morphology and distribution of precipitate particles.
He et al. [ enhanced the strength and ductility of alloys by
controlling the formation and distribution of precipitate phases
through the adjustment of Ti and Al additions and heat treat-
ment conditions. They achieved a substantial precipitation
strengthening contribution of 330.7 MPa, attributed to the for-
mation of 22% vy' phase in the matrix and 3.6% Heusler phase
at grain boundaries. Consistent with this mechanism, Wang et
al. 7 successfully engineered a high density of L1.-structured
v' precipitates in a (CoFeNi)s,TisAlsVs alloy via thermome-
chanical processing (TMP). The precipitates achieved a volume
fraction of 42%, with a corresponding precipitation strengthen-
ing contribution of 624 MPa. In contrast, Zhang et al.

“8ldeveloped an alloy featuring a face-centered cubic (fcc)
high-entropy matrix and nano-sized y' particles. By generating
precipitates of varying sizes in dendritic and interdendritic re-
gions, with y' contents of 55% and 50%, respectively, they
achieved a yield strength of 859 MPa and a precipitation
strengthening contribution of 595 MPa.

Fig.8 presents a line graph illustrating the precipitation
strengthening contributions of samples in various states. From
the graph, it is evident that the precipitation strengthening con-
tribution of specimens annealed at 1,025 °C and 1,050 °C is
generally higher than that of specimens annealed at 1,075 °C.
Moreover, as the annealing time increases, the precipitation
strengthening contribution gradually decreases. This phenome-
non is attributed to the progressive dissolution of the secondary
v’ precipitates. Prior to reaching 1,075 °C, although the size of
the secondary y' precipitates does not change significantly with
increasing annealing temperature, their volume fraction gradu-
ally diminishes, and they completely dissolve at 1,075 °C. In
nickel-based superalloys, when dislocations shear the ordered
v’ phase, the dislocations must appear in pairs to maintain the
ordered structure. When paired dislocations cut through the y’
phase, the conditions under which the dislocation pairs interact
with the ' phase vary depending on the size of the y' phase ['!].
The critical resolved shear stress (CRSS) required for two cou-
pled edge dislocations to move along the [110] direction on the
(111) plane of a single small-sized y’ phase is lower than that
for a large-sized v’ phasel®”). Consequently, the gradual dissolu-
tion of the secondary y' precipitates leads to a progressive de-
cline in the precipitation strengthening contribution, reaching
its lowest value at 1,075 °C.
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Fig.8 Line chart of precipitation strengthening contributions of samples
in various states

4.1.3 Dislocation strengthening

In the cold rolling process, the plastic deformation of solid
solution samples occurs through the continuous proliferation
and interaction of dislocations under strain. Therefore, increas-
ing the dislocation density will enhance the yield strength of the
alloy. According to prior research, the strengthening effect is
typically expressed as a function of dislocation density [I:

1
o4 = MaGbp?z @)



where, M = 3 is the Taylor factor, o = 0.2 is the constant for
FCC metals™”, G represents the shear modulus, which for this
alloy is approximately 81.4 GPa at 293 K, b is the Burgers vec-
tor (for this alloy, 0.253 nm), and p is the geometrically neces-
sary dislocation density. The geometrically necessary disloca-
tion densities were primarily determined from EBSD analysis.
The calculated GND densities were 5x10'> m for the ST (so-
lution-treated) specimen, 3.2x10' m™ for the 1025-15 speci-
men, 1.1x10" m™ for the 1050-15 specimen, and 9x10"® m™
for the 1075-5 specimen. In calculating dislocation strengthen-
ing, since high-density dislocations originate from unrecrystal-
lized grains rather than being related to recrystallized grains, it
is necessary to multiply the dislocation strengthening by the
proportion of unrecrystallized grains to obtain the true value of
dislocatilon strengthening. This leads to the equation gy =
MaGbpzfyrx, Where fyyrx 1S the fraction of grains that are
not fully recrystallized. For ST, 1,025-15, 1,050-15 and 1,075-
5 samples, the contribution of dislocation strengthening gradu-
ally decreases with the decrease of annealing temperature. The
incompletely crystallized 1025-15 sample has the highest dis-
location strengthening value of 60 MPa. In contrast, the dislo-
cation strength increment of the samples annealed at 1050 °C
and 1075 °C is almost zero, which is close to the level of the
standard heat treatment samples.

Based on the above calculations, Fig.9 summarizes the con-
tributions of four strengthening mechanisms in the nickel-co-
balt-based high-temperature alloy under different conditions. It
can be seen that the 1,025-15 and 1,050-15 samples are the two
with the highest yield strength, representing the partially recrys-
tallized and fully recrystallized states, respectively. Further-
more, the yield strength gradually decreases with prolonged an-
nealing time. This is because, before reaching the critical tem-
perature for strengthening mechanisms at 1,050 °C, the yield
strength is primarily contributed by grain boundary strengthen-
ing due to grain refinement and dislocation strengthening in the
partially recrystallized state. As the annealing time increases,
grain growth and the reduction in dislocation density result in a
gradual decrease in yield strength. At 1,050 °C, the primary
contributions to yield strength are from grain boundary
strengthening and precipitation strengthening. These effects are
mainly due to changes in the size and distribution of precipi-

tates, which increase the critical shear stress of dislocation pairs.

With prolonged annealing time, grain growth and the dissolu-
tion of secondary y' precipitates cause a gradual decrease in
yield strength. At 1,075 °C, beyond the critical threshold for this
strengthening mechanism, the alloy's yield strength decreases
significantly, primarily due to grain growth and the dissolution
of secondary y' precipitates.
4.2 Structures after tensile deformation

To investigate the tensile deformation mechanisms following
thermomechanical processing, TEM analysis was conducted on
samples in different conditions. Figs. 10(a;-a3) display the TEM
images of the standard heat-treated (ST) sample. The sample

comprises a y matrix and y’ precipitates. SAED along the [112]
zone axis reveals typical superlattice reflections of the FCC ma-
trix (indicated by white circles) and the L1,-structured y' pre-
cipitates (highlighted by yellow circles), as shown in Fig. 10(a)).
A small number of secondary y’ precipitates and a large number
of tertiary y’ precipitates are identified in the ST sample, sur-
rounded by numerous dislocations, which form dislocation
pile-ups and loops. Additionally, dislocations in the y matrix
can dissociate at the y-y' interfaces, leading to the formation of
isolated stacking faults. High-resolution TEM (HRTEM) im-
ages reveal numerous isolated stacking faults (Fig. 10(as)),
which expand continuously. Stacking faults with different ori-
entations intersect at 70.5°, creating L-C locks, as shown in Fig.
10(ay).
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Fig. 9 Contributions of different strengthening mechanisms for sam-
ples in various states

Fig. 10(b;-bs) display the TEM images of the 1,025-15 sam-
ple. The microstructure comprises recrystallized grains (yellow
regions) and deformed grains. The density of substructures in
the deformed regions is higher than in the recrystallized regions.
SAED along the [011] zone axis reveals typical superlattice re-
flections of the FCC matrix (indicated by white circles) and the
L1,-structured y’ precipitates (highlighted by yellow circles), as
shown in Fig. 10(b1l). High-resolution images reveal the pres-
ence of micro-nanotwins and dislocation pile-ups (Fig. 10(b>)).
Stacking faults with different orientations intersect at 70.5°,
creating L-C locks, and dislocations pile up at the y-y' interfaces
and grain boundaries, as shown in Fig. 10(bs).

Figs. 10(ci-c3) present the TEM images of the 1050-15 sam-
ple. The microstructure is uniform, and SAED along the
[112]zone axis reveals typical superlattice reflections of the
FCC matrix (indicated by white circles) and the L1,-structured
v’ precipitates (highlighted by yellow circles), as shown in Fig.
10(c1). High-resolution images reveal the widespread presence
of dense stacking faults and dislocations, with dislocation loops
and stacking faults cutting into the precipitates (Fig. 10(c2)).
Stacking faults with different orientations intersect at 70.5°,
creating L-C locks, and micro-nanotwins intersect with stack-
ing faults, as shown in Fig. 8(cs).

Regarding the superalloy studied in this paper, its yield
strength and elongation have been compared and analyzed with
the mechanical properties of some nickel-based/nickel-cobalt-
based superalloys. As can be clearly observed from Figure 11,



the alloy under our study occupies a very unique position in the
property coordinate plot: the variation trend of its yield strength
is similar to that of traditional superalloys—with the extension
of' hot working time and the increase of temperature, its strength
decreases gradually, while its elongation is less affected by
these factors. The results indicate that controlling the micro-
structure through appropriate thermomechanical processing is
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an effective strategy for achieving higher strength and ductility
in nickel-cobalt-based high-temperature alloys.
4.3 Strain hardening rate

The strain hardening rates of the ST and various state sam-
ples are shown in Fig .12. It was found that when the strain is
below the critical value, the strain hardening rates of all samples

@) Dislocation
spiled-up

50 nm

Fig. 10 TEM images of tensile fracture samples at room temperature: (ai-as) ST; (b1-b3)1,025-15; (c1-¢3)1,050-15
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Fig.11 Comparison of the yield strength and elongation between the
studied superalloy and some Ni-based and NiCo based super-
alloys [57-62,5,63,6,64-70]

sharply decrease, corresponding to the elastic-plastic transi-

tion®!1. For the 1,025-15 sample, the strain hardening rate de-

creases to zero sooner after the elastic-plastic transition. This
indicates that the severely deformed microstructure lacks suffi-
cient strain hardening ability during plastic deformation, result-
ing in high yield strength but poor fracture elongation®?. Com-
pared to the standard heat-treated samples, all samples exhibit
significant strain hardening rates. The strain hardening behav-
ior of samples in different states is influenced by grain size*.
When compared to the three hardening states exhibited by



coarse-grain (CG) samples, such as the 1,075-(15, 30, 60) sam-
ple, the hardening curves of fine-grain (FG) samples show an
additional work-hardening region, i.e., the 1,025-(15, 30, 60)
and 1,050-(10, 30, 60) samples. The FG samples show that re-
gion 2 begins with the increase in hardening rate. The transition
from stage 1 to stage 2 corresponds to the initiation of twinning
within the grains during multi-slip deformation, which is con-
sidered a necessary condition for twinning formation during
plastic deformation®***]. The interaction between deformation
twinning and dislocations can reduce stress concentration and
contribute to an increased strain hardening ratel*®l.
4.3 Strain hardening rate

The strain hardening rates of the ST and various state sam-
ples are shown in Fig .12. It was found that when the strain is
below the critical value, the strain hardening rates of all samples
sharply decrease, corresponding to the elastic-plastic transi-
tion*!. For the 1,025-15 sample, the strain hardening rate de-
creases to zero sooner after the elastic-plastic transition. This
indicates that the severely deformed microstructure lacks suffi-
cient strain hardening ability during plastic deformation, result-
ing in high yield strength but poor fracture elongation!®?!. Com-
pared to the standard heat-treated samples, all samples exhibit
significant strain hardening rates. The strain hardening behav-
ior of samples in different states is influenced by grain sizel**!.
When compared to the three hardening states exhibited by
coarse-grain (CG) samples, such as the 1,075-(15, 30, 60) sam-
ple, the hardening curves of fine-grain (FG) samples show an
additional work-hardening region, i.e., the 1,025-(15, 30, 60)
and 1,050-(10, 30, 60) samples. The FG samples show that re-
gion 2 begins with the increase in hardening rate. The transition
from stage 1 to stage 2 corresponds to the initiation of twinning
within the grains during multi-slip deformation, which is con-
sidered a necessary condition for twinning formation during
plastic deformation**>*]. The interaction between deformation
twinning and dislocations can reduce stress concentration and
contribute to an increased strain hardening ratel*®),
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5 Conclusions

Although the standard heat-treated NiCo-based superalloy
demonstrates excellent overall properties, its yield strength re-
mains limited. In this study, an innovative method of multi-
scale microstructure collaborative design through thermo-me-
chanical treatment has successfully broken through the obsta-
cles of the traditional strength-plasticity inversion relationship
and significantly improved the comprehensive properties of the
alloy. Future work should prioritize investigating the strength
evolution of specimens processed under varying hot defor-
mation temperatures, thereby elucidating the influence of ther-
momechanical processing parameters on intermediate-
temperature performance. The evolution of the microstructure
before and after deformation was examined using EBSD and
TEM. The key findings are summarized as follows:

1.The microstructural evolution of the Ni-Co-based superal-
loy after thermomechanical processing and aging treatments is
strongly influenced by annealing temperature. Samples an-
nealed at 1025 °C exhibit a partially recrystallized structure,
comprising a y matrix and three distinct y’ precipitate popula-
tions. Fully recrystallized structures are observed in samples
annealed at 1050 °C, which retain the y matrix and three y’ pre-
cipitate populations. Notably, prolonged annealing at elevated
temperatures induces progressive dissolution of secondary vy’
phases. Annealing at 1075 °C results in complete recrystalliza-
tion, with the microstructure consisting of the y matrix and two
distinct y' precipitate size distributions.

2.Compared to standard heat treatment, the post-cold-rolling
annealing process significantly enhances the yield strength of
the alloy while concurrently reducing ductility. After annealing
at 1025 °C for 15 minutes, the yield strength increases from
1,106 MPa to 1,371 MPa, with ductility decreasing from 18.8%
to 13.3%. This strength enhancement originates from disloca-
tion networks generated during cold rolling, grain refinement,
and vy’ precipitate strengthening. Annealing at 1050 °C for 15
minutes further elevates the yield strength to 1,390 MPa, albeit
with ductility reduced to 14.3%. The balanced strength-ductil-
ity synergy is attributed to the refined grain structure and y’ pre-
cipitate distribution.

3.In NiCo-based superalloys subjected to standard heat treat-
ment, the tensile deformation mechanism is governed by iso-
lated stacking faults shearing through y' precipitates and dislo-
cation-y’ interactions, which promote dislocation pile-ups and
the formation of dislocation cells. A limited number of inter-
secting stacking faults additionally form Lomer-Cottrell (L-C)
locks. Thermomechanical processing (TMP) alters the defor-
mation mechanism, inducing the formation of micro/nanoscale
deformation twins. Furthermore, high-density L-C locks arise
from intersecting stacking faults with varied orientations, while
deformation twins propagate across these stacking faults. The
synergistic strengthening-plasticizing effect is primarily at-
tributed to these deformation twins, which enhance both



strength and ductility by impeding dislocation motion while ac-

commodating strain.
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